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Abstract 

Ce0.8Gd0.2O2-δ-FeCo2O4 membranes, benefiting from their excellent chemical stability, exhibit a broad 

application potential in oxygen-consuming industrial processes running in harsh environments. For long-

term reliable operation, the membrane needs to possess sufficient mechanical strength. This paper 

characterizes the typical aspects that challenge the mechanical stability of the sintered membrane, 

including composition and microstructural defects as well as residual stress and residual stress 

gradients. It is revealed that mechanical strengths of the sintered membranes increase with decreasing 

iron cobalt spinel content, that the high iron cobalt spinel content induces microcracks, and that high 

residual tensile stress gradually decreases from the as-sintered surface to the bulk. Although the 

residual tensile stress can be reduced by applying an extensive elevated temperature dwell time during 

cooling, it is suggested to limit the iron cobalt spinel content to a nominal value of 15 wt% to eliminate 

the residual tensile stress while maintaining a high mechanical strength. 

Keywords: dual phase ceramic composite, oxygen transport membrane, mechanical strength, residual 

stress. 

1. Introduction 

Ceramic oxygen transport membranes possess substantial economic and environmental benefits for 

industrial processes related to high purity oxygen separation and production [1-3], partial oxidation of 

hydrocarbons [4-6], and oxy-combustion [7-9]. Single phase perovskite membranes, such as 

Ba0.5Sr0.5Co0.8Fe0.2O3-δ [10], and La0.6Sr0.4Co0.2Fe0.8O3-δ [11], exhibit high oxygen permeation fluxes but 

suffer from chemical and thermo-mechanical instabilities under practical application-relevant conditions 

[12-19]. By contrast, it has been verified that dual phase membranes consisting of ion-conducting 

phase(s) and electron-conducting phase(s) possess excellent chemical stability under harsh application 

environments [20-28]. The CGO fluorite is often chosen as the ionic conducting phase for dual phase 

membranes because of its high ionic conductivity [29], as well as high chemical stability [20-22, 24, 28, 

30-34]. Spinel oxides, e.g., FexCo3-xO4 (x = 1 or 2), NiFe2O4, and Mn1.5Co1.5O4, have been widely used as 

electron-conducting phases for CGO-based dual phase membranes to realize high mixed ionic-electron 

conductivity [20, 35-38]. As an example, 85 wt% Ce0.8Gd0.2O2-δ-15 wt% FeCo2O4 membrane, which 

contains an ion-conducting phase-Ce1-xGdxO2-δ (0< x <0.2) (CGO) and two electron-conducting phases-
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FeyCo3-yO4 (0 < y < 2) (FCO) and Gd0.85Ce0.15Fe0.75Co0.25O3 (GCFCO) [20, 39, 40], has been shown to be 

chemically and functionally stable in CO2- and SO2-containing gas mixtures at 850 °C over at least 200 h 

under an oxygen partial pressure gradient [20, 41].  

For the long-term safe operation of oxygen transport membranes under application-relevant conditions, 

in addition to oxygen permeation flux and chemical stability also the mechanical strength needs to be 

considered as one critical aspect [15, 42]. However, only a few studies have yet focused on the 

mechanical strength of dual phase membranes [40, 43-46]. 

Microstructural defects, e.g., cracks, impurities, inhomogeneities and voids, are known to be typical 

fracture origins of ceramic materials [47]. In addition, residual stresses and residual stress gradients also 

affect the fracture behavior of ceramic materials [48]. A residual tensile stress can lead to a decrease of 

the apparent mechanical strength by inducing cracks and increasing the stress intensity at potential 

fracture origins. Compositional and/or stoichiometric gradients over the thickness of the ceramic 

sample, which can be induced by inhomogeneous phase transformations and/or stoichiometric 

differences, may result in residual stress gradients [48]. Dual phase membranes, for example, 

comprising fluorite and Co-containing spinel phases, have typical sintering temperatures between 1200 

°C and 1400 °C [20, 35-37], which is a temperature range where a CoO rock salt phase exists [40]. The 

spinel phase results from a phase transformation of the rock salt phase during cooling after sintering 

[40]. This phase transformation process appears to be slower in the bulk than at the surface of the 

ceramic due to the presence of the CGO and GCFCO phases, hence, a small amount of rock salt was 

reported to remain in the bulk of 50 wt% Ce0.8Gd0.2O2-δ-50 wt% FeCo2O4 membranes even after applying 

a slow cooling rate of 0.5 K/min in the critical temperature range of 900 °C-800 °C [39, 49]. In addition to 

the different amounts of the rock salt phase over the membrane thickness, the crystal structure of the 

fluorite phase (CGO) in 50 wt% Ce0.8Gd0.2O2-δ-50 wt% FeCo2O4 and 85 wt% Ce0.8Gd0.2O2-δ-15 wt% FeCo2O4 

membranes also varies between the surface and the bulk materials: the lattice constant of CGO in the 

bulk is larger than that at the surface, which indicates that the oxygen non-stoichiometry in CGO in the 

bulk is higher than that at the surface [50]. Such oxygen stoichiometry variations between surface and 

bulk are likely origins of residual tensile stresses that gradually decrease from surface to bulk [50]. 

The current work focuses on the characterization of the residual stress and its effect on the fracture 

strength as well as on the development of thermal processing steps to alleviate any detrimental residual 

stresses, i.e., tensile stresses, for Ce0.8Gd0.2O2-δ-FeCo2O4 dual phase membranes. The microstructural, 

compositional and crystal-structure variations across the disc-shaped membrane were investigated in 

detail as potential causes of residual stress. The residual stress and residual stress gradient within the 

membrane were analyzed by X-ray diffraction (based on the sin2 𝜓 method) and indentation. The 

relation between fracture strength and residual stress is discussed, aided by fractographic analysis of 

fractured membranes that experience different residual stress states. 

2. Experimental 

Ce0.8Gd0.2O2-δ-FeCo2O4 composites were synthesized by solid-state reaction based on a one-step thermal 

processing. Stoichiometric amounts of Ce0.8Gd0.2O2-δ (Treibacher Industrie AG, 99%), Co3O4 (Alfa Aesar, 



3 
 

99.7%) and Fe2O3 (Sigma-Aldrich, 99%) were mixed as precursor powder mixtures to prepare three 

different nominal weight ratios of Ce0.8Gd0.2O2-δ to FeCo2O4, being 50:50, 70:30 and 85:15; the Co/Fe 

mole ratio was fixed at a value of two to form FeCo2O4 nominally [40]. The powder mixtures, ethanol 

and zirconia balls were filled up to relative ~30 vol% in a polyethylene bottle and milled on a roller 

bench. Other details regarding milling parameters and procedures can be found in our previous work 

[40]. The ball-milled powder mixtures were then dried at 75 °C for 3 days and subsequently uniaxially 

pressed into discs with diameters of 20 mm using a pressure of 19 MPa [40, 49]. The obtained discs 

were sintered in air at 1200 °C for 10 hours at a heating rate of 3 K/min. Two different cooling 

procedures were applied to complete the oxidization of the CoO rock salt phase [51-53]. The first one 

included a slow cooling step of 0.5 K/min between 900 °C and 800 °C, while the cooling rate for the 

other temperature ranges was 3 K/min. Three composites, which are referred to as 50CF, 70CF and 85CF 

in the following, were obtained with this cooling procedure. The numbers of the abbreviations 

correspond to the nominal fractions of Ce0.8Gd0.2O2-δ content in the staring powder mixtures. The second 

cooling procedure included an extended dwelling step at 850 °C for 100 hours, while the cooling rate for 

the entire temperature range was 3 K/min. This cooling procedure was only applied for the sintering of 

50CF, which will be referred to as dwelled-50CF. 

The materials below the as-sintered surfaces of the 1 mm thick sintered discs were gradually exposed by 

controlled grinding and polishing steps, as outlined in detail in our previous work [50]. Residual stresses 

potentially induced by the grinding were removed by multiple fine-polishing steps to achieve a mirror 

finish [54]. In this way, two materials’ subsurface regions at respective depths of ~30 and ~300 µm 

below the original as-sintered surface, termed in the following shallow sub-surface and deep sub-

surface, respectively, were exposed. For the sample 50CF, both shallow and deep sub-surface were 

prepared, while for dwelled-50CF, 70CF and 85CF, only the deep sub-surfaces were prepared. 

The crystallographic structure was characterized by X-ray diffraction (XRD) (Empyrean, Malvern 

Panalytical Ltd) for all composites. The instrument was equipped with a Cu long fine focus tube (40 kV / 

40 mA), Bragg-BrentanoHD mirror (divergence = 0.4°), and PIXcel3D detector (1D-mode, active length = 

3.35°, 255 channels). 

Microstructures were assessed by scanning electron microscopy (SEM) (Merlin, Carl Zeiss Microscopy, 

Oberkochen, Germany). The porosity was estimated as the area fraction of pores using the software 

ImageJ [55]. 

The residual stresses (𝜎𝑟) within individual phases at different surfaces, including the as-sintered 

surfaces and deep sub-surfaces of all composites (i.e., 50CF, dwelled-50CF, 70CF, and 85CF), and the 

shallow sub-surface of 50CF, were determined by XRD based on the sin2 𝜓 method [56]. The diffraction 

peaks at high 2𝜃 angles (>85°) were recorded providing sufficient intensity for analysis using a Philips 

MRD Pro diffractometer with Cr-Kα (35 kV / 50 mA) radiation. Lattice spacings (𝑑) of crystal planes 

CGO(311), FCO(440), GCFCO(133) and CoO(220) were derived based on the diffraction peaks obtained at 

different angles (𝜓). For a crystal plane experiencing a uniform stress state, the lattice spacing (𝑑) is in 

general approximately linearly proportional to sin2 𝜓 [56]. The 𝜎𝑟 value was calculated for the different 

crystal planes representing the residual stresses in the individual phases [56]: 
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𝜎𝑟 =
𝐸

𝜈 + 1
∙

1

𝑑𝑟𝑒𝑓

∙
𝜕𝑑𝜓

𝜕 sin2 𝜓
                                                                                                                                                           (1) 

where 𝐸 and 𝜈 are elastic moduli and Poisson's ratios; 𝑑𝜓 is lattice spacing measured with an inclined 

angle of 𝜓, 𝑑𝑟𝑒𝑓  the lattice spacing in a stress-free sample as a reference. Assuming that the lattice of a 

phase exhibits isotropic elasticity, the 𝐸 value of the investigated crystal plane was estimated to be 

equal to the average 𝐸 values determined from nanoindentations into individual grains, as described in 

our previous work [49]. The 𝜈 was assumed to be 0.3, which is a typical value of ceramics [57]. 

The indentation method was applied to estimate the average residual stresses at the as-sintered 

surfaces for 50CF and dwelled-50CF [58]. Assuming that the indentation crack is shorter than the 

thickness of the layer exhibiting a residual stress gradient, Vickers indentations at loads of 0.245 N and 1 

N were imprinted using a macro indentation machine (Micromet® 1, Buehler Ltd). At each load, five 

indentations with a distance of 500 µm in-between were conducted while avoiding obvious 

microstructural defects, e.g., pores and microcracks. The critical stress intensity factors (𝐾𝐶) of an 

indentation crack with a 𝑐/𝑎 value greater than 2.5 (𝑎 and 𝑐 are half-diagonal and crack length of the 

indent, respectively) was calculated by [59]: 

𝐾𝐶 = 0.016 ∙ (
𝐸

𝐻
)

0.5

∙ (
𝑃

𝑐
)

1.5

                                                                                                                                                        (2) 

where 𝐸 and 𝐻 are elastic modulus and hardness, respectively, as taken from our previous work [49], 

and 𝑃 is the indentation load. 

The 𝐾𝐶  obtained at a surface experiencing residual stress is composed of two terms [58]: 

𝐾𝐶 = 𝐾𝐼𝐹𝑅 − 𝐾𝑟𝑒𝑠                                                                                                                                                                              (3) 

where 𝐾𝐼𝐹𝑅 denotes indentation fracture resistance (or indentation fracture toughness), which can be 

considered to be equal to 𝐾𝐶  value at a stress-free surface, and 𝐾𝑟𝑒𝑠 represents the 𝐾𝐶  value for a crack 

in a residual stress field, given by [58]: 

𝐾𝑟𝑒𝑠 = 𝑌 ∙ 𝜎𝑟 ∙ √𝑐                                                                                                                                                                             (4) 

where 𝑌 is the crack geometry factor with a value approximately equal to 1.12√𝜋 for a half-penny 

shaped crack [60, 61]. 

The fracture strength, i.e., being in the current work defined as the average fracture stress, was 

determined by ring-on-ring bending tests using an electromechanical testing machine (Instron 1362, 

Lebow Ltd) following the general procedure outlined in ASTM C1499-05 [62]. Either the as-sintered 

surface or the deep sub-surface was in tension during the test. Loading and supporting rings with 

diameters of 3.43 and 9.99 mm, respectively, were used. The stress rate was 20 MPa/s [50]. Five as-

sintered specimens were tested for each composite. To test with the deep sub-surface in tension, five 

as-sintered 50CF discs were ground and polished at one side to obtain deep sub-surfaces. The specimen 

thickness after the surface layer removal was less uniform than before (the average standard deviation 

of all specimens was ~29 µm). Hence, the fracture stress of each ground and polished 50CF was 
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calculated using the smallest and largest thickness measured within the effectively tested area. The 

fracture stress (𝜎𝑓) was derived from equation (5) [40, 50, 62], and averaged for each composite. 

𝜎𝑓 =
3𝐹

2𝜋 ∙ 𝑡2
∙ [(1 − 𝜈) ∙

𝑟𝑠
2 − 𝑟𝑙

2

2𝑟𝑑
2 + (1 + 𝜈) ∙ ln

𝑟𝑠

𝑟𝑙

]                                                                                                                  (5) 

where 𝐹 is the fracture force; 𝑟 is the radius, 𝑡 the thickness; subscripts 𝑠, 𝑙, and 𝑑 denote the support 

ring, loading ring, and the tested disc, respectively. 

The fracture surfaces were investigated using SEM to reveal the likely fracture origins. The measured 

fracture origin size (𝐶), i.e., the equivalent radius of circular/semicircular origin or minor axis length of 

elliptical/semielliptical origin, was compared with the values estimated by [40, 50]: 

√𝐶 =
𝐾𝐼𝐶

𝑌 ∙ 𝜎
                                                                                                                                                                                       (6) 

where 𝜎 is the stress at the fracture origin. Several 𝑌 values for origins with different shapes, in addition 
to the 𝑌 value for a half-penny shaped crack (see also above), are given in ASTM C1322-15 [47]. 

3. Results and discussion 

3.1 Microstructure 

The microstructures of the as-sintered surface, the shallow and deep sub-surface of 50CF as 

characterized by SEM are presented in Figure 1. The different phases can be distinguished by their 

different greyscale level. According to our previous electron backscatter diffraction phase mapping 

studies on the same composite with an identical microstructure, a CoO rock salt phase exists in the deep 

sub-surface of the sintered 50CF [49]. This CoO cannot be distinguished from the FCO phase due to a 

similar contrast in the BSEM micrographs [49]. Apparently, in the deep sub-surface of 50CF, the CoO 

rock salt phase needs a longer time to be oxidized into the spinel during cooling, while at the surface of 

50CF, the oxidization of the CoO rock salt phase can be completed upon exposure to the excess oxygen 

in air [50]. As confirmed by XRD patterns (Supplementary, Figure S2), the CoO only exists in the shallow 

and deep sub-surface regions of 50CF, while CGO, FCO and GCFCO can be found in all investigated 

surface regions. Thus, the black grains at the as-sintered surface, as shown in Figure 1(a), are FCO spinel 

grains, while the ones at the shallow and deep sub-surface, as shown in Figure 1(b,c), can be either CoO 

or FCO grains. The incomplete oxidization of CoO indicates oxygen deficiency within the deep sub-

surface of 50CF. The grey and light grey grains in the deep sub-surface of the composites are CGO and 

GCFCO grains (see Figure 1(b,c)) [49], respectively. However, CGO and GCFCO grains cannot be 

distinguished at the as-sintered surfaces. No significant phase composition variations across the discs 

are observed. Furthermore, a considerable number of long microcracks were observed at the as-

sintered surface of 50CF (see Figure 1(a)), which possibly also propagate towards the shallow sub-

surface (see Figure 1(b)) and are not visible anymore at the deep sub-surface (see Figure 1(c)). 
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Figure 1 BSEM micrographs of (a) the as-sintered surface, (b) the shallow sub-surface, and (c) the deep sub-surface 
of 50CF. 

 

For 70CF and 85CF, it was reported that the CoO phase did not residual in the deep sub-surface after 

sintering [49]. Hence, the black grains at the as-sintered and deep sub-surfaces, as shown in Figure 2 for 

85CF as examples, are FCO spinel grains. Besides, 70CF and 85CF appear to be free of microcracks for 

both the as-sintered and deep sub-surfaces, as, e.g., shown in Figure 2 for 85CF. The individual phases in 

70CF and 85CF show no significant volume variations regarding phase content across the sintered discs. 

(a) (b) 

CGO 

FCO or CoO 

GCFCO 

FCO 

FCO 

CGO or GCFCO 

(c) 

CGO 

GCFCO 

FCO or CoO 
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Figure 2 BSEM micrographs of (a) the as-sintered surface, and (b) the deep sub-surface of 85CF. 

 

For dwelled-50CF, no microcracks are visible at the as-sintered surface and deep sub-surface, as 

illustrated in Figure S2. Furthermore, the CoO phase in the deep sub-surface is fully oxidized into the 

spinel phase, as confirmed by the XRD patterns (see Figure S1).  

3.2 Lattice constants 

The lattice constants of CGO, GCFCO and CoO as obtained at the as-sintered surfaces and deep sub-

surfaces are compared in the following for all composites, while it was not possible to determine one 

lattice constant for FCO due to the variation of the cobalt-to-iron ratios of FCO [49].  

For 50CF, the lattice constants of CGO and GCFCO in the deep sub-surface are slightly larger than the 

one at the as-sintered surface (see Figure 3 and Table S1). The different lattice constants might indicate 

differences in the oxygen stoichiometry. The lower oxygen stoichiometry in CGO and GCFCO are possibly 

caused by an oxygen deficiency within the deep sub-surface of 50CF, as supported by the existence of 

the CoO phase that did not oxidize into the spinel during cooling. 

For 70CF and 85CF, the lattice constants of CGO and GCFCO share similar values at the as-sintered 

surfaces and deep sub-surfaces (see Figure 3 and Table S1). However, according to our previous work on 

85CF containing larger FCO grains [50], the lattice constant of CGO is marginally larger at the deep sub-

surface than at the as-sintered surface. This indicates that differences in the lattice constant of CGO over 

the cross section of 85CF cannot be observed due to the reduced grain size of FCO. 

For dwelled-50CF, the lattice constants of CGO are almost identical (~5.412 Å) at the as-sintered surface 

and the deep sub-surface, as shown in Figure S1. And the CoO appears to be absent within the deep 

sub-surface. Therefore, the potential oxygen stoichiometry deviation across the sample can be 

smoothed out after the dwelling step.  

(a) (b) 
GCFCO 

CGO 

FCO 

CGO or GCFCO 

FCO 
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Figure 3 Lattice constants of CGO at the as-sintered surfaces and deep sub-surfaces of the different composites. 

 

3.3 Residual stress  

3.3.1 XRD 

For 50CF, at the as-sintered surface, the lattice spacings of CGO(311) and FCO(440) exhibit a linear 

dependency on sin2 𝜓, as shown in Figure 4. Residual tensile stresses were determined from the 

corresponding positive slopes according to equation (1). Due to the low intensity of the associated 

diffraction peaks, it was not possible to directly assess the residual stress associated with the GCFCO 

phase. Note, the GCFCO phase, with a volume fraction of only ~6 vol%, distributes as isolated islands 

surrounded by the other phases [63], and it possesses a thermal expansion coefficient comparable to 

that of CGO and/or FCO (~12 × 10-6 K-1) [50]. Hence, the GCFCO phase is expected also to exhibit residual 

tensile stress. It can be concluded that the entire as-sintered surface exhibits a residual tensile stress. By 

contrast, at the shallow sub-surface, measured 𝑑 values of CGO(311) and FCO(440) are almost 

independent of the sin2 𝜓 values (see Figure S3), suggesting an almost stress-free state of the shallow 

sub-surface. At the deep sub-surface, the 𝑑 of CGO(311) decreases with sin2 𝜓 values; the linear fitting 

yields a negative slope with relatively large uncertainty, which indicates a small compressive stress value 

(see Figure 5). The 𝑑 values of FCO(440) and CoO(220) are almost independent of sin2 𝜓 (see Figure S4), 

suggesting a stress-free state for FCO and CoO at the deep sub-surface. Since the content of CGO in 

50CF is lower than 50 vol% [49], the average stress in the deep sub-surface of 50CF appears to be 

negligible. Therefore, it can be confirmed that a residual stress gradient across the 50CF disc exists, 

which can be attributed to differences in lattice shrinkage at the surface and the deep sub-surface. The 

lattice shrinkage during cooling can be expected to be more pronounced at the surface than in the deep 

sub-surface, since more oxygen vacancies are present in the deep sub-surface than at the surface after 
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sintering. This is indeed supported by our investigations showing that the lattice constant of CGO and 

GCFCO is greater at the deep sub-surface than at the as-sintered surface (see Figure 3 and Table S1). 

For 70CF, 𝑑 of CGO(311) and FCO(440) at the as-sintered surface slightly increase with sin2 𝜓 values in a 

nonlinear manner (see Figure 4), suggesting an almost stress-free as-sintered surface [56]. 

For 85CF, it has been difficult to analyze the residual stress of the FCO phase due to the low intensity of 

the associated diffraction peaks, the peak broadening, and the overlapping induced by the variation of 

Co-to-Fe ratio [50]. However, the diffraction peaks of CGO and GCFCO exhibited sufficient intensities for 

residual stress analysis. At the as-sintered surface, as can be seen from Figure 4(a), a linear dependency 

of 𝑑 on sin2 𝜓 values is observed for CGO(311) in 85CF being an indication of a relatively small residual 

compressive stress. This small compressive stress was confirmed by another set of XRD measurements 

for CGO(331) yielding a compressive stress value of ~74 ± 4 MPa, as shown in Figure S5(a). Note, in 

Figure S5(b), the lattice spacings of GCFCO(133) decrease with increasing sin2 𝜓 values in a nonlinear 

manner, indicating a rather inhomogeneous strain distribution within the GCFCO grains. At the deep 

sub-surface, as revealed in Figure 5, the linear dependency of 𝑑 on sin2 𝜓 for CGO(311) yields a residual 

compressive stress that is comparable to the one measured at the as-sintered surface (see Figure 4(a)). 

This observation was confirmed by a second measurement for CGO(331) also indicating a compressive 

stress value of ~53 ± 1 MPa (see Figure S6). Thus, the CGO phase across the sintered 85CF disc 

experiences a rather uniform compressive stress state, indicating that no residual stress gradient exists. 

After a thermal annealing using the sintering program described above, CGO(311) at the deep sub-

surface of 85CF experiences a residual compressive stress of ~64 ± 3 MPa (see Figure S7). Hence, the 

thermal annealing has not alleviated the residual compressive stress. 

For dwelled-50CF, the residual tensile stresses in CGO(311) and FCO(440) at the as-sintered surface are 

much lower than the ones at the as-sintered surface of 50CF (see Figure 6). This suggests that the 

residual tensile stress in the as-sintered surface is reduced but not fully eliminated by the extensive 

dwelling step. 
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Figure 4 Dependencies of 𝑑 on sin2 𝜓 values and residual stresses derived for (a) CGO(311) and (b) FCO(440) at the 
as-sintered surfaces. The residual stresses were determined from equation (1). 
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Figure 5 Dependencies of 𝑑 on sin2 𝜓 values and residual stresses derived for CGO(311) at the deep sub-surfaces. 
The residual stresses were determined from equation (1). 
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Figure 6 Dependencies of 𝑑 on sin2 𝜓 values derived for (a) CGO(311) and (b) FCO(440) at the as-sintered surface  
of dwelled-50CF. The residual stress was determined according to equation (1). 

  



12 
 

3.3.2 Indentation method 

Since the average penetration depth of X-rays exceeds a few microns [64], the XRD method yielded 

residual stress values of individual phases averaged over a thin surface layer. In contrast, the indentation 

method can give an average stress value for a thick surface layer including all phases present. It should 

be noted that a stress value cannot be obtained by the indentation method when the residual stress 

states between phases differ in such a way that the resulting stress is almost zero. 

For 50CF and dwelled-50CF, the entire as-sintered surfaces experience the same stress state as the main 

phases, i.e. CGO and FCO (see Figure 4 and 6). Therefore, the indentation method was used to further 

investigate the residual stresses and residual stress gradients. For that purpose, 𝐾𝐼𝐹𝑅 values, i.e. 𝐾𝐶 

values at stress-free surfaces (as can be seen from equation (3)), were firstly determined at the deep 

sub-surfaces, where residual stresses are negligible. 

At the deep sub-surface of 50CF, well-defined indentations with ideal crack profiles were obtained after 

the application of a load of 1 N (see Figure 7(a)), and the 𝑐/𝑎 value was larger than 2.5 indicating a half-

penny shaped crack (length equals to depth) [59, 65]. Accordingly, the 𝐾𝐼𝐹𝑅  was derived to be ~0.82 ± 

0.03 MPa·m0.5 (see Table 1). For indentation loads of 0.245 N, cracks could hardly be generated (see 

Figure S8(a)). According to our previous study on the stress-free 50CF with large grains, the 𝐾𝐼𝐹𝑅 with a 

value of ~0.88 ± 0.11 MPa·m0.5 at 1 N has been almost independent of the indentation load for this type 

of material [50]. Thus, the expected 𝐾𝐼𝐹𝑅 obtained at 0.245 and 1 N should be equal. Furthermore, 

indentation cracks, as shown in Figure 7 and Figure S9, exhibit a mainly transgranular mode with limited 

deflections along the grains, indicating that similar critical stress intensity factors can be expected for 

different grain sizes. 

At the deep sub-surfaces of 70CF and 85CF, the obtained 𝐾𝐼𝐹𝑅  values were comparable with those 

obtained at the deep sub-surface of 50CF (see Table 1). The 𝐾𝐼𝐹𝑅  appears to be independent of the 

composition, indicating that the apparent compressive stress in CGO in 50CF and 85CF (see Figure 5) has 

a limited influence on the 𝐾𝐼𝐹𝑅  values. 
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Figure 7 Vickers indentations at a load of 1N imaged by SEM on the (a) deep sub-surface of 50CF, (b) as-sintered 
surface of 50CF, and (c) as-sintered surface of dwelled-50CF. Imprints in (b) and (c) are marked by arrows. It should 

be noted that the scale bars are different. 

 

Table 1 Critical stress intensity factors of indentation cracks derived for the deep sub-surfaces of the sintered 
composites. 

Composite 
𝐾𝐶  ( ≈ 𝐾𝐼𝐹𝑅) 
(MPa·m0.5) 

Reference 

50CF 0.82 ± 0.03 
This work 

70CF 0.81 ± 0.03 

85CF 0.86 ± 0.06 [40] 

 

(a) (b) 

(c) 
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Into the as-sintered surface of 50CF and dwell-50CF, imprints with well-defined crack profiles were 

induced by both loads (see Figure 7(b, c) and Figure S8(b, c)), from which low 𝐾𝐶  values were calculated 

(see Table 2). 

For the as-sintered surface of 50CF, the 𝐾𝐶  values appear to be independent of the indentation loads 

and are significantly lower than the 𝐾𝐼𝐹𝑅  values measured at the deep sub-surface of 50CF (see Table 1), 

indicating the significant contribution of the residual tensile stress. The residual tensile stress calculated 

from indentations at 0.245 N is marginally higher than the one for indentation at 1 N considering the 

experimental uncertainties (see Table 2). Compared to the residual tensile stress values obtained from 

the XRD method (see Figure 4), the stress values from the indentation method are much lower. This can 

probably be associated with the presence of the stress gradient, which implies that the indentation 

method reflects the effect of a stressed layer that is thicker than the one directly measured by the XRD 

method. As the indentation cracks induced by 1 N (resulting in a crack depth of ~45 ± 4 µm) are longer 

than the extend of the almost stress-free shallow sub-surface region (~30 µm), the residual tensile stress 

value derived by indentation at 1 N can be regarded as an average stress value over the whole stressed 

layer. The apparent indentation crack depth induced by 0.245 N (~18 ± 4 µm), however, is shorter than 

~30 µm, but still exceeds the penetration depth of X-rays. The residual stress value from indentations at 

0.245 N reflects the average residual tensile stress of a section of the stressed layer. 

For the as-sintered surface of dwelled-50CF, the 𝐾𝐶  value is again independent of the indentation load 

(see Table 2). The values are significantly larger than the ones obtained for the as-sintered surface of 

50CF, but slightly lower than the 𝐾𝐼𝐹𝑅  values determined for the deep sub-surface of 50CF (see Table 1). 

The apparent indentation crack depths induced by 0.245 N and 1 N are ~8 ± 1 µm and ~22 ± 1 µm, 

respectively. The calculated apparent residual tensile stresses are rather small and independent of the 

indentation load when the uncertainties are considered (see Table 2), and again lower than the residual 

tensile stresses obtained from XRD (see Figure 6). This suggests that the apparent indentation crack 

depth induced by the minimum load of 0.245 N used in the current study is already sufficient to reflect 

the effect of the average residual tensile stress within the entire stressed layer. 

 

Table 2 Critical stress intensity factors of indentation cracks and residual stresses determined for the as-sintered 
surfaces of 50CF and dwelled-50CF. 

Sample 
𝐾𝐶  (MPa·m0.5) Residual stress (MPa) 

0.245 N 1 N 0.245 N 1 N 

50CF 0.24 ± 0.07 0.23 ± 0.03 69 ± 17 44 ± 6 

Dwelled-50CF 0.69 ± 0.06 0.66 ± 0.05 21 ± 12 18 ± 7 
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3.4 Strength and fractography 

For composites that were broken via the ring-on-ring test with the as-sintered surfaces in tension, the 

average fracture stress (strength) increases with increasing CGO content (see Figure 8). The 50CF 

possesses the lowest average fracture stress, which might be a result of the rather long microcracks 

existing in this material (see Figure 1(a)), as well as the rather high residual tensile stress (see Figure 

4(a)). 

When compared with the fracture stress values of other typical single-phase oxygen transport 

membranes, e.g., Ba0.5Sr0.5Co0.8Fe0.2O3-δ (~100 MPa) [66], La0.58Sr0.4Co0.2Fe0.8O3-δ (~94 MPa) [67] and 

SrTi0.65Fe0.35O3- (~117 MPa) [60], which were determined using similar specimens, the average fracture 

stress of 50CF is lower, while the average fracture stress of 85CF is significantly higher. 
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Figure 8 Average fracture stresses of composites determined for the as-sintered surfaces. The average fracture 
stress of 85CF has been taken from our previous work [40]. 

 

The likely fracture origins were assessed by SEM investigations on the fracture surfaces of the tested 

samples with the lowest fracture stresses. As reported for 85CF fractured with the as-sintered surface in 

tension, the fracture appears to initiate from small surface-located flaws, whose sizes are comparable 

with the ones estimated by equation (6) [40]. For 50CF and 70CF with the as-sintered surfaces in 

tension, surface-located flaws were also characterized as the likely fracture origins, as shown in Figure 

9(a, b). The likely fracture origin presented in Figure 9(a) noticeably possesses a depth that is close to 

the length of the microcracks shown in Figure 1(a), which supports that fracture can initiate from such 

microcracks. 
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Figure 9 Fracture surfaces (SEM) of (a) 50CF, (b) 75CF fractured at the as-sintered surfaces, and (c) 50CF fractured 
at the deep sub-surface. Samples exhibiting the lowest fracture stresses are shown. The dashed lines represent the 

likely boundaries of the fracture origins. The fracture lines are indicated by the arrows. 

 

The measured sizes of the likely fracture origins are summarized in Table 3. For comparison, the sizes of 

the fractured origins were also estimated using equation (6). It is assumed that the maximum stress 

acting at the critical defect is equal to the maximum stress applied externally during the ring-on-ring 

bending test, i.e., the calculated fracture stress, and that the residual stress is not contributive. For 70CF, 

the measured size is almost identical to the estimated one, suggesting that the sample is almost free of 

internal residual stress that can superimpose on the calculated fracture stress. 

For 50CF fractured with the as-sintered surfaces in tension, however, the measured size of the likely 

fracture origin is significantly smaller than the estimated ones. The stresses used for estimating the 

fracture origin size might therefore be underestimated because the contribution of residual stress is not 

considered. Since the measured size of the likely fracture origin is close to the depth of the indentation 

induced crack at 0.245 N (~18 ± 4 µm), the average residual stress obtained from indentations at 0.245 

(a) (b) 

𝜎𝑓= 40 MPa 𝜎𝑓= 114 MPa 

𝜎𝑓= 120 MPa 

MPa 

(c) 
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N (see Table 2) is included in the calculation of fracture origin size so that the stress at the fracture origin 

is corrected to be equal to the sum of the internal stress (average residual stress of ~69 MPa) and the 

maximum applied external stress (fracture stress of ~40 MPa). The fracture origin obtained by this 

adjusted stress value, of ~109 MPa, is ~ 14 µm, which is almost equal to the measured fracture origin 

size (see Table 3). This confirms the significant influence of the residual stress on strength, which is 

probably a result of the fracture origin size being comparable to the thickness of the stressed layer. 

 

Table 3 Estimated and measured fracture origin sizes. 

Composite Fractured surface 
𝜎 = 𝜎𝑓   

(MPa) 
𝑌 [47] 

𝐶 (µm) 

Reference 

Estimated Measured 

50CF 

As-sintered surface 40 1.99 107 14 

This work Deep sub-surface 120 1.39 24 20 

70CF As-sintered surface 114 1.39 26 27 

85CF As-sintered surface 212 1.99 4 2 [40] 

 

To further confirm the reduction of the apparent fracture stress through the presence of residual tensile 

stresses, the fracture stress of 50CF for the almost stress-free deep sub-surface was measured and 

determined to be ~ 151 ± 31 MPa, which is significantly higher than the fracture strength of 50CF 

measured for the as-sintered surface (~ 61 ± 21 MPa). The likely fracture origins were surface located 

(see Figure 9(c)). The fracture origin size, measured for the sample with the lowest fracture stress is ~20 

µm (see Table 3), which is close to the one estimated without consideration of the residual stress. 

Hence, no significant contribution from the residual stresses on the fracture stress has been observed. 

The deep sub-surface can be considered free of residual stress, which agrees well with the XRD results. 

Thus, the fracture stress is only determined by the maximum tolerable stress intensity induced by the 

externally applied stress at the flaws located at the surface. 

For the disc-shaped 50CF membrane, it appears to be an effective way to enhance the strength by 

removing the layer with residual tensile stress and microcracks, however, this is not practical for a large 

membrane component or a nonplanar, e.g., tubular, membrane component. 

4 Conclusions 

The apparent mechanical strengths (i.e., average fracture stresses) of Ce0.8Gd0.2O2-δ-FeCo2O4 membrane 

materials, as determined from ring-on-ring tests, increase as a function of the nominal fractions of 

Ce0.8Gd0.2O2-δ content in the starting powder. The low strength of 50CF specimens appears to be a result 

of the presence of microcracks within the as-sintered surface that act as fracture origins, as well as high 
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residual tensile stress that gradually decreases from the as-sintered surface to the bulk. This residual 

tensile stress gradient, as determined by X-ray diffraction and indentation, is likely caused by an oxygen 

stoichiometry variation between the surface and bulk material. The fracture stress of 50CF is reduced 

significantly by the residual tensile stress since the likely fracture origins are located within the residual 

stress gradient zone. After removal of the material layer with residual tensile stress and microcracks, the 

fracture stress of 50CF is significantly improved. Besides, the residual tensile stress within the as-

sintered surface of 50CF is successfully reduced by applying an extended dwelling step during cooling. 

However, it is recommended to limit the iron cobalt spinel content to a nominal value of 15 wt% to 

eliminate the residual tensile stress and obtain a membrane with small surface defects, thus, yielding a 

material with high mechanical strength. 
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